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A B S T R A C T

Ferrium® M54® exhibits an excellent UTS/K1C balance allowing its application in aeronautical structures. This
steel belongs to the Co-Ni UHS steels family with M2C nanometer-size carbide precipitation during tempering.
These steels provide very high strength with a very good fracture toughness thanks to the M2C fine precipitation
during tempering, but also because coarse particles are dissolved during austenitizing without grain coarsening.
The goal of this article is to identify the different carbide populations in M54®. A small addition of Ti in M54®
forms a Ti-rich MC carbide precipitation that is stable at high temperature. Consequently, during austenitization
at 1060 °C, all other types of coarse carbides are dissolved in the matrix without grain coarsening. As a very small
part of the initial carbon content is needed to form MC carbides, efficient and intensive nanometric M2C carbide
precipitation takes place during tempering, leading to very high final strength. Due to this double precipitation
of carbides in M54®, the steel achieves an outstanding UTS/K1C balance.

1. Introduction

Aircraft applications, particularly for landing gear, require steels
with high mechanical resistance, fracture toughness and stress corro-
sion cracking resistance [1]. Additionally, the aerospace industry is
looking for different ways to reduce the weight of landing gear parts, as
the landing gear assembly can represent up to 7% of the total weight of
the aircraft [2]. The search for metal alloys with a better balance of
mechanical properties while maintaining a constant production cost is
stimulating research activities. For several decades, 300M steel has
been widely used for landing gear applications. However, its fracture
toughness and stress corrosion cracking resistance need to be improved
and aeronautical equipment suppliers are searching for new grades. As
shown in Fig. 1, AerMet® 100 and Ferrium® M54® (M54®) grades are
excellent candidates to replace the 300M steels without any reduction
in strength or increase in weight. Other grades do not present a high
enough fracture toughness, or are not resistant enough.

The recent development of M54® steel since 2010 [4] has led to a
higher stress corrosion cracking resistance and lower cost due to its
lower cobalt content (see Table 1), as compared to the equivalent
properties of the AerMet® 100 grade. These two steels belong to the
UHS Co-Ni steel family.

UHS Co-Ni steels were developed at the end of 1960s with the HP9-
4-X [5] and HY-180 [6] grades, with the main goal being to achieve

higher fracture toughness than 300M or 4340 steels. The main idea was
first to replace cementite by M2C alloy carbide precipitation during
tempering to avoid brittle fracture without too large reduction in me-
chanical strength. A better balance of UTS/K1C was achieved with
AF1410 [7] by increasing the content of carbide-forming elements. In
addition, an improvement in fracture toughness was also requested and
finally achieved by the accurate control of reverted austenite pre-
cipitation during tempering [8] and the addition of rare earth elements
to change the sulfide type [9,10], resulting in an increase in inclusion
spacing [11]. Thus, AerMet® 100 was patented in 1993 [12], in-
corporating these scientific progress to achieve the same strength level
of 300M but with a higher fracture toughness. Then, from the 1990s to
the 2000s, scientists sought to improve the grain boundary cohesion to
further increase the fracture toughness by W, Re and B additions [13].
Thus, Ferrium® S53® steel, developed in 2007 [14], was the first steel of
the family containing W. Seven years ago, Ferrium® M54® steel was
designed, offering a steel with roughly the same mechanical properties
as AerMet® 100, but with a lower price thanks to a lower cobalt content.

UHS Co-Ni steels all exhibit an excellent UTS/K1C balance due to a
M2C carbide precipitation during tempering in a highly dislocated lath-
martensitic matrix [4,7,12,15–17]. However, there is limited literature
on the recently developed M54® steel [18–21].

The addition of alloying elements in UHS Co-Ni steels also forms
stable carbides like M6C or M23C6 during the heat treatment process.
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The size of these stable carbides can easily reach several 100 nm, re-
sulting in a significant decrease in fracture toughness by acting as mi-
crovoid nucleation sites during the mechanical load [22]. These parti-
cles can be dissolved by increasing the austenitizing temperature, but
the prior austenite grain size rapidly increases and induces a detri-
mental effect on the mechanical properties [23]. The new challenge for
these steels is thus to dissolve coarse stable carbides without an ex-
cessive grain growth.

This challenge is also well-known in other kinds of martensitic steels
for other applications, such as hot work tool steels. Michaud [24]
showed that V-rich carbide precipitation during tempering achieves
high mechanical properties at room temperature as well as at high
temperature. However, precipitation stayed heterogeneously dis-
tributed in the matrix, regardless of the austenitizing and tempering
conditions, and so fracture toughness and Charpy impact were limited.
Indeed, the same V-rich precipitation (MC type) that controls the aus-
tenitic grain size during austenitizing and controls the strength during
tempering were identified. The incomplete solutionizing of V-rich car-
bides during austenitizing does not permit a homogeneous concentra-
tion of alloying elements in the martensitic matrix after quench, which
explains why the strength/fracture toughness balance is limited. The
generic idea would be to introduce a double/different precipitation
with a single and precise role for each population: to control the aus-
tenitic grain size OR to control the mechanical strength. In H11-type
tool steels, the addition of Mo slightly improved the balance of prop-
erties [24].

In steels for aircraft applications, Olson [25] and Gore et al. [26]
succeeded in introducing another type of homogeneous small particles
which pin the grain even for elevated austenitization temperatures

(T=1200 °C) in AF1410: (Ti,Mo)(C,N). These carbides avoid grain
coarsening between 815 °C and 885 °C at austenitization leading to an
increase in fracture toughness due to coarse carbides dissolution [22].
The patent of Ferrium® S53® steel also describes a nanoscale MC pre-
cipitation which pins the grain boundary and avoids grain coarsening
by the dissolution of the coarse carbides [14].

Stable carbide dissolution in Ferrium® M54® seems to be particu-
larly challenging due to the formation of both M2C and M6C Mo-rich
carbides during the heat treatment process (see Fig. 2). Indeed, as Mo-
rich M2C carbides precipitate during tempering, the full dissolution of
Mo-rich carbides is needed to achieve a homogeneous distribution of
Mo within the matrix.

More specifically, particles that control the austenitic grain size
need to be stable enough at high temperature to dissolve the whole
population of M2C and M6C carbides without grain coarsening. The aim
of this article is to investigate carbides precipitation in M54® after a
cryogenic treatment following the quench as well as after tempering.
Carbide distribution, size and composition are carefully described for
both states.

Fig. 1. Comparison of different grades of steel according to their fracture toughness, ultimate tensile strength and stress corrosion cracking resistance (adapted from
[3]).

Table 1
Chemical composition (wt%) of UHS Co-Ni steels.

C Cr Ni Co Mo W V Ti Mn Si

M54® 0.3 1 10 7 2 1.3 0.1 0.02max / /
Aermet® 100 0.23 3.1 11.1 13.4 1.2 / / 0.05max / /
AF1410 0.15 2 10 14 1 / / 0.015 0.1 0.1
HP9-4-20 0.2 0.8 9 4 1 / 0.08 / 0.2 0.2
HY-180 0.13 2 10 8 1 / / / 0.1 0.05
S53® 0.21 10 5.5 14 2 1 0.3 0.2max / /

Fig. 2. Mole fraction of phase according to austenitizing temperature in M54®
calculated with TCFE3 ThermoCalc® database (Ti-free).



2. Experiments

2.1. Materials and Heat Treatment

Specimens were taken at mid-radius of a single bar of diameter
10.25 cm in the longitudinal direction.

The performed heat treatments were in agreement with the QuesTek
recommendations [27] and consisted of a preheating treatment at
315 °C/1 h, a solutionizing at 1060 °C/1 h, followed by an oil quench,
cold treatment at −76 °C/2 h and tempering at 516 °C/10 h.

2.2. Experimental Techniques

Austenite grain size was measured after the quench. Precipitation in
the quenched state, after cryogenic treatment, was observed to identify
undissolved carbides. Secondary carbides were characterized after
tempering, at the end of the whole heat treatment process.

Chemical composition of the alloy was measured with a Q4 Tasman
Spark Optical Emission Spectrometer from Bruker.

Dilatometry was performed using a Netzsch apparatus, DIL402C.
Samples for dilatometry were in the form of a cylinder of diameter
3,7 mm with a length of 25mm. Samples were heated at 7 °C/min and
cooled at 5 °C/min under argon atmosphere.

For the as-quenched state, carbides were extracted by chemical
dissolution of the matrix with a modified Berzelius solution at room
temperature [28] as already developed by Cabrol et al. [29]. At the end
of the dissolution, the solution was centrifuged to collect nanoscale
precipitates. A Beckman Coulter Avanti J-30I centrifugal machine
equipped with a JA-30.50Ti rotor was used to centrifuge the solution.
The experimental method is described precisely in [29].

XRD characterizations of the powder obtained after the chemical
dissolution and of the bulk sample were performed using a Panalytical
X'Pert PRO diffractometer equipped respectively with a Cu or Co ra-
diation source. Phase identification was achieved by comparing the
diffraction pattern of the experimental samples with reference JCPDS
patterns.

Prior austenite grain size measurement is difficult because of the
very low impurity content in the grade M54®. An oxidation etching was
conducted by heating polished samples in a furnace at a temperature of
900 °C and 1100 °C under room atmosphere for 1 h and slightly pol-
ishing them after quenching to remove the oxide layer inside the grains
and keeping the oxide only at the grain boundary.

Transmission Electron Microscopy (TEM) observations were per-
formed using a JEOL JEM 2100F. Thin foils for TEM were cut from the
specimens and the thickness was reduced to approximately 150 μm.
Then, they were cut into disks and polished to a thickness of about
60 μm. The thin foils were then electropolished in a perchloric acid-
methanol solution at −15 °C with a TenuPol device.

Chemical composition at nanometer scale was determined using
atom probe tomography (APT) at the Northwestern University Center
for Atom-Probe Tomography (NUCAPT). Samples were prepared into
rods with a cross section of 1 x 1mm2 and electro-polished using a two-
step process at room temperature [30,31]. The APT analyses were
conducted with a LEAP 4000X-Si from Cameca at a base temperature of
−220 °C, a pulse energy of 30pJ, a pulse repetition rate of 250 kHz, and
an ion detection rate of 0.3% to 2%. This instrument uses a local-
electrode and laser pulsing with a picosecond 355 nm wavelength ul-
traviolet laser, which minimizes specimen fracture [32].

For the prediction of the different types and molar fraction of each
phase according to temperatures, thermodynamics calculations were
performed using ThermoCalc® software. This software and database
were developed at the Royal Institute of Technology (KTH) in

Stockholm [33]. ThermoCalc® calculations were performed using the

TCFE3 database.
3. Results and Discussions

3.1. Discussion of Optimized Mechanical Properties With Finely Dispersed
Nanometer Size Precipitation

Research activities on UHS steels for aircraft applications focus on
maximizing mechanical strength without decreasing the fracture
toughness and stress corrosion cracking resistance. To improve
strength, dislocations mobility must be reduced. Consequently, in-
creasing the number density of secondary particles (Np) is a well-
known method and the resulting hardening is given by the following
equation [23]:

∆ ≈σ Gb f
d
( )

P
0.5

(1)

where Δσp is particle contribution to the yield strength, G is the shear
modulus, d is the particle diameter, f the volume fraction of the particle
and b the Burgers vector of dislocations.

Indeed, for the same volume fraction, a small particles distribution
leads to a better yield strength, due to the decrease in dislocation mo-
bility.

To obtain this fine and dispersed precipitation, two different types
of nucleation are generally observed to occur in UHS steels:

- Numerous preferential nucleation sites leading to heterogeneous
nucleation;

- Homogeneous supersaturation of carbide-forming elements.

For the first condition, the heterogeneous nucleation of M2C car-
bides on dislocations has already been observed in previous works
[34,35]. Indeed, dislocation sites are energetically favorable due to
atom segregation and the short diffusion path offered to the diffusing
element (pipe diffusion). It is therefore important to maintain a high
dislocation density during tempering. Consequently, cobalt is added to
these alloys to keep a high dislocation density during tempering. As
previously described in the literature [13,25], Co delays the dislocation
recovery through the creation of short-range ordering (SRO) in the
matrix. Co also decreases the solubility of Mo in ferrite and increases
the carbon activity inside ferrite [34,36–39], leading to a more in-
tensive precipitation of M2C carbides.

The main criterion for accessing the second condition is related to
the dissolution carbides during austenitizing. If carbides are not totally
solutionized, the precipitation during tempering will be hetero-
geneously dispersed with a higher density of clusters in the areas of
high concentration of the carbide-forming elements. To avoid hetero-
geneous concentration, remaining carbides from the previous stage of
heat treatment should be totally dissolved and enough time should be
spent at a temperature above the carbide solvus to obtain a homo-
geneous composition of the carbide-forming elements in austenite.
Moreover, in order to obtain a fine and dispersed precipitation during
tempering, the driving force must be increased by increasing the su-
persaturation resulting in a higher nucleation rate [35]. Furthermore,
undissolved carbides also reduce the potential volume fraction of par-
ticles that may precipitate during tempering [40] and almost total
dissolution is needed. Thus, the austenitizing condition should be ra-
tionalized based on the carbide dissolution kinetics and diffusion
coefficient of alloying elements in the matrix to obtain a homogeneous
chemical composition of the carbide-forming elements in the marten-
sitic matrix in the as-quenched state.



3.2. Identification of Carbide Solutionizing Temperature

The temperatures of phase transformation were determined by di-
latometry experiments. According to the relative length change shown
in Fig. 3(a), Ac1, Ac3 and Ms temperatures are clearly detected. To
detect the solutionizing of carbides, the derivative of the relative length
change was calculated. Carbide dissolution takes place at a temperature
ranging from 970 °C to 1020 °C, as shown in Fig. 3(b).

If the austenitizing temperature is not high enough, undissolved
carbides are clearly observed (see Fig. 4) and slightly decrease UTS
from 1997MPa at 1060 °C to 1982MPa at 1020 °C, which is probably
due to the carbon trapped inside those undissolved particles.

These coarse carbides can also be observed after polishing and a
Nital 2% etch using SEM (Fig. 5). The volume fraction seems to be

particularly high.
According to ThermoCalc® calculations, these undissolved carbides

obtained after 1 h at 1020 °C are M6C carbides (see Fig. 2) containing a
significant amount of W (see Table 2).

The high solutionizing temperature of the M54® steel as compared
to other steels of the same family (free of W, see Table 3) is due to the
tungsten addition which stabilizes the M6C carbides. If the austenitizing
temperature is not high enough, undissolved carbides still remain (see
Fig. 4 and Fig. 5) and the tensile properties (yield strength, UTS,
elongation at rupture), as well as fatigue resistance are reduced.
However, if the austenitizing temperature is too high and no carbides
remain, a huge grain size coarsening can be observed also leading to a
decrease in the usual mechanical properties.

According to Naylor and Blondeau [41], thinner laths and lath
packets, directly dependent on austenite grain size [23], can improve
fracture toughness by giving a long and winding route to the crack
during rupture. Białobrzeska et al. [42] have clearly shown that at room
temperature, strength, yield strength, fatigue resistance and impact
energy increase when the average austenite grain size decreases. Thus,
any coarsening of austenite grains should be avoided.

3.3. Pinning of the Grain Boundary and Chemical Homogenization of the
Austenitic Matrix at 1060 °C

As previously mentioned in the introduction, to control the grain
size during austenitizing without any impact on precipitation during
tempering, the precipitation of two types of particles is needed: one
type to control the grain size during solutionizing and the second type
of particles which precipitates during tempering.

To achieve this goal, one way is to add MC type precipitation to
avoid quick coarsening of austenitic grains. However, according to
ThermoCalc® calculations, the MC solvus temperature is not sufficiently
high to allow the total dissolution of M6C carbides (see Fig. 2). Thus,
Olson [25] and Gore [26] added some Ti to form more stable MC car-
bides and dissolve other coarse stable carbides. A little addition of Ti-
tanium is sufficient to obtain a significant effect on the grain size, as
described by Kantner who adds 0.04%mass [13] of titanium in Fe-

Fig. 3. Relative length change curve (a) and derivative of the relative change curves (b) obtained from dilatometer heating experiments.

Fig. 4. SEM image of a fracture surface of a tensile specimen (austenitization
performed at 1020 °C).



15Co-6Ni-3Cr-1.7Mo-2 W-0.25C and Fe-15Co-5Ni-3Cr-2.7Re-1.2 W-
0.18C steels, or Lippard who adds only 0.01%mass [43] in alloys
AF1410, AerMet® 100, MTL2 and MTL3. A low volume fraction of thin
particles seems to be efficient in preventing austenitic grain growth
[26]. Indeed, an addition of 0.01%mass of Ti in the M54® grade is
enough to shift the MC solvus temperature by approximately 100 °C
above the MC solvus temperature of the M54® grade free of Titanium
according to ThermoCalc® calculation (see Fig. 6).

Moreover, MC carbides contain a large amount of Ti (see Fig. 7)
which is not the case for M2C precipitation during tempering. Conse-
quently, Ti-rich MC carbides seem relevant, to be a solution to control
the grain size without any impact on precipitation during tempering.
The purpose of the following paragraph is to compare the experimental
results with the above-mentioned theoretical prediction.

After austenitizing for 1 h at 1060 °C, fine undissolved carbides were
found in the as-quenched state after cryogenic treatment in M54® steels.
These carbides are thinner than the undissolved carbides observed. In
addition, a lower volume fraction is measured after an austenitization
at 1060 °C than after a 1020 °C or 920 °C austenitization (see Fig. 8).
The average size of these carbides is around 70 nm, measured on a
sample of 23 carbides sample. In addition, no coarse undissolved car-
bides are observed indicating that the optimal austenitization condi-
tions are not far to be reached.

Chemical extraction of carbides in the as-quenched state was per-
formed to determine the type of those undissolved carbides still re-
maining after a 1060 °C austenitizing. As predicted by the thermocalc
calculation, a FCC structure (type MC) was clearly identified from the

Fig. 5. SEM image of an as-quenched sample austenitized at 920 °C after nital etch.

Table 2
Composition of M6C carbides predicted by ThermoCalc® calculations.

Carbide M6C

Composition (860 °C) (Fe2.8Mo2.05W0.96Cr0.12V0.07)C

Table 3
Austenitization of different UHS steels hardened by M2C carbide precipitation.

Steel M54® AerMet® 100 AF1410

Taust (°C) 1060 885 843

Fig. 6. Mole fraction of phase according to austenitizing temperature in M54®
with and without 0.01%mass Ti calculated with TCFE3 ThermoCalc® database.

Fig. 7. Composition of MC carbide according to the temperature calculated
with TCFE3 ThermoCalc® database.



XRD patterns (see Fig. 9). Moreover, the chemical composition mea-
sured by EDX (Energy Dispersive X-ray spectroscopy) is
(Ti0.44Mo0.27W0.13V0.16)C. This composition is in quite good agreement
with the ThermoCalc® calculated composition
(Ti0.55V0.25Mo0.17W0.08)C0.95.

According to Spark Optical Emission Spectrometer measurements,
the average Ti concentration measured is about 0.013wt% in M54®
steel. Considering that all the Ti atoms precipitate and taking into ac-
count the chemical composition of the MC measured by EDX, the vo-
lume fraction of Ti-rich MC carbide is found to be nearly 0.06%.

The intercarbide distance can be estimated using the equation given
by Daigne et al. [44]:

= ×d r π
f

1.18 2
3particle

v (2)

where d is the distance between particles, r is the radius of the particle
and fv the volume fraction of particles.

According to Eq. (2), the distance between the MC carbides with an
addition of 0.013 wt% of Ti is about a micrometer. This value is in very
good agreement with SEM observations (see Fig. 8) indicating that most
of the titanium carbides remain undissolved after the austenitization at
1060 °C.

Furthermore, a relation has been developed in tool steels to describe
the grain refinement by a particle dispersion in tools steels. Bate [45]
suggested the following equation between the limiting grain size dia-
meter D, the mean radius, r, and the volume fraction Fv of the pinning
particles:

=D r
F

4
3 v (3)

The calculated average grain size diameter is 78 μm according to the
Bate's Eq. (3) in M54®.

This value is in a very good agreement with the measured average
grain size of 81 ± 39 μm at 900 °C or 79 ± 38 μm at 1100 °C (see
Fig. 10). Approximately 300 grains were measured for each austeni-
tizing temperature. According to the Bate's work, the estimated 0.06%
volume fraction of undissolved MC carbides is sufficient to control the
grain size of austenite.

Consequently, MC particles need only a very small quantity of
carbide-forming elements required for M2C precipitation during tem-
pering. In addition, the calculated diffusion lengths of the different
carbide-forming elements, Mo, Cr, W, are clearly significantly higher
than the distance between first neighbors of Mo, Cr, W, respectively in

Fig. 8. SEM observations of undissolved carbides after 1060 °C austenitizing and Nital etch (as-quenched structure).

Fig. 9. Pattern and experimental XRD profiles (relative intensities) of pre-
cipitates extracted from the as-quenched M54® steel.



the austenitic matrix at the end of austenitization (1060 °C/1 h) (see
Table 4). As a consequence, homogeneous composition of the austenite
is quickly obtained before quenching.

By way of conclusion, a small amount of Ti-rich MC carbides control
the austenitic grain size and above all, the complete dissolution of M6C
molybdenum rich carbides leads to the homogeneous distribution of the
M2C carbide-forming elements before quenching.

3.4. Precipitation During Tempering

The particles that precipitate during tempering are totally different
from the carbides controlling the austenitic grain size. According to
XRD results, M2C-type carbides are identified after a tempering for
500 h at 516 °C (see Fig. 11). This long duration of tempering is ne-
cessary to detect the diffraction peaks of M2C carbides. For the standard
tempering of 10 h, the volume fraction and the size of carbides might be
too low to be detected by XRD, or long-distance ordering of M2C car-
bides (hexagonal structure) might not be achieved as already suggested
by Machmeier et al. [47].

Consequently, the same carbide type is identified in the M54®,
AerMet® 100 and AF1410 steels [15,48]. Atom probe analyses were per-
formed to determine the distribution of M2C carbides within the marten-
sitic matrix and to estimate the chemical composition of M2C carbides. To
define the particle/matrix interface found in the analyzed box, the adopted
criterion is an isoconcentration of 36 at% of Molybdenum+Carbon.
Carbides seem to be homogenously distributed within the matrix ac-
cording to the (limited) volume analyzed by APT (see Fig. 12).

Fig. 10. Prior austenitic grain size in as-quenched state after 1 h austenitizing at 900 °C (a) and 1100 °C (b).

Table 4
Diffusivity in γ-iron and diffusion distance during solutionizing of carbide-
forming elements.

Element Mo Cr W

Diffusivity in γ-iron (D, cm2/
s)

0.036exp
(−239,8/RT)
[46]

0.063exp
(−252,3/RT)
[46]

0.13exp
(−267,4/RT)
[46]

Diffusion distance during
austenitization (1 h at
1060 °C) (μm)

~4 ~3 ~2

Fig. 11. Reference JCPDS pattern and experimental XRD profiles (relative intensities) of samples tempered at 516 °C for 10 h and 500 h.



According to TEM observations, the precipitation of M2C carbides
during tempering is very fine with an average size of 9.6× 1.2 nm
measured on 130 carbides (see Fig. 13) and seems to be homogeneously

distributed within the matrix, as already shown by APT. The shape of
the M2C particles is very elongated with an aspect ratio near 10. The
main conclusion can be summarized as follows: the 1060 °C austeni-
tizing temperature contributes to a fine and dispersed precipitation of
M2C carbides after tempering, thanks to a high supersaturation as well
as a homogeneous distribution of carbide-forming elements.

The average chemical composition of the M2C carbides measured by
atom probe is Mo-rich with a significant content of Cr, W and V (see
Fig. 14).

The chemical composition of M2C measured by atom probe is in
quite good agreement with the ThermoCalc® calculations (see Fig. 15).
The M2C carbides contain mainly Mo and Cr with approx. 10% W and a
small amount of Fe and V, as shown in Fig. 15 and Table 5.

However, the chemical composition of the carbides in M54® is quite
different from the composition measured in AerMet® 100 and AF1410
steels (see Table 5). Indeed, the main difference comes from the W
content in M2C carbides for the M54® steel. W has a slower diffusivity
than other carbide-forming elements and stabilizes M2C carbides for
long duration tempering [49] which guarantee the mechanical prop-
erties in a wide range of tempering condition.

Fig. 12. Three-dimensional APT reconstruction of Ni atoms (green) of a sample
tempered at 516 °C for 10 h. Carbides are represented as violet isoconcentration
surfaces (total concentration of Mo and C is 36 at. pct). (For interpretation of
the references to color in this figure legend, the reader is referred to the web
version of this article.)

Fig. 13. Bright-field TEM images of thin foils of tempered sample at 516 °C for 10 h.

Fig. 14. Proximity histogram of the 98 interfaces precipitate/matrix.



Moreover, very few cementite precipitates are observed in the M54®
steels. This fact also contributes to the high fracture toughness value
measured after tempering. Indeed, cementite is well known to strongly
reduce the fracture toughness of high strength steels [34], particularly
if the iron carbide is located at the interlath site. The W in M2C carbides
allows a long duration of the tempering treatment resulting in the total
dissolution of cementite without coarsening of M2C carbides.

4. Conclusion

Ferrium® M54® steel was developed by QuesTek using intensive
thermodynamic calculations [51]. An excellent strength/fracture
toughness balance is achieved with a UTS reaching 1965MPa and a K1C

values up to 110MPa√m.The main goal of this work is to provide ex-
perimental evidence and arguments explaining the outstanding UTS/
K1C balance of properties the work is focused on the precipitation
identification during the heat treatment by a different scale micro-
structural study using advanced experimental tools (XRD, TEM, APT).
To this end, the optimization of austenitizing conditions is of primary
importance, in conjunction with the solutionizing of alloying elements
needed for precipitation during tempering. The main results can be
summarized as follows:

▪ Microstructure in the as-quenched state (after cryogenic treatment)
can be defined as a Ti-rich MC carbide precipitation with a size from
50 nm to 120 nm in a martensitic matrix which is highly super-
saturated in carbide-forming elements. In addition, those elements
are homogeneously distributed within the matrix, according to
length-diffusion calculations.

▪ The addition of small amount of titanium has led to full dissolution
of the Mo- and W-rich carbides. Types of precipitates which control
the grain size during the austenitization and which strengthen the

steel during the tempering are then totally different.
▪ This final microstructure is obtained thanks to the proper solutio-
nizing of alloying elements during austenitizing at high temperature
(1060 °C) which results in:
o A high supersaturation before tempering.
o A homogeneously distributed nucleation of carbides.

▪ Microstructure in the tempered state 516 °C/10 h is characterized by
a homogeneously distributed precipitation of nanometer-sized M2C
carbides. These carbides contain W, which reduces their coarsening
rate.
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